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ABSTRACT: The processing conditions used in the production of advanced polymer fibers
facilitate the formation of an oriented fibrillar network that consists of structures spanning multiple
length scales. The irregular nature of fiber tensile fracture surfaces suggests that their structural
integrity is defined by the degree of lateral (interfacial) interactions that exist within the fiber
microstructure. To date, experimental studies have quantified interfacial adhesion between nanoscale
fibrils measuring 10—50 nm in width, and the global fracture energy through applying peel loads to
fiber halves. However, a more in-depth evaluation of tensile fracture indicates that fiber failure
typically occurs at an intermediate length scale, involving fibrillation along interfaces between fibril
bundles of a few 100s of nanometers in width. Interaction mechanisms at this length scale have not yet been studied, due in part to a
lack of established experimental techniques. Here, a new focused ion beam-based sample preparation protocol is combined with
nanoindentation to probe interfaces at the intermediate length scale in two high-performance fibers, a rigid-rod poly(p-phenylene
terephthalamide) and a flexible chain ultrahigh molecular weight polyethylene fiber. Higher interfacial separation energy recorded in
the rigid-rod fiber correlated with less intensive fibrillation during failure and is discussed in the context of fiber chemistry and
processing. Power law scaling of the total absorbed interfacial separation energy at three different scales in the polyethylene fiber is
observed and analyzed, and distinct energy absorption mechanisms, featuring a degree of self-similarity, are identified. The
contribution of these mechanisms to the overall integrity of the fiber is discussed, and the importance of the intermediate scale is
elucidated. Results from this study provide new insights into the mechanical implications of hierarchical lateral interactions and will
aid in the development of novel fibers with further improved mechanical performance.
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1. INTRODUCTION width, and the fibril bundles ultimately make up the full fiber
measuring 10s of micrometers in diameter. Regarding the
nomenclature for these microstructural features, microfibril (a
historically used term) may be misleading, due to their
nanoscale widths. For clarity, these features will be referred to
as nanofibrils. The fact that these nanofibrils form distinct
bundles at the intermediate scale is interesting, and although
the cause of this discretization has been scrutinized in early
investigations, further studies are needed to elucidate the
underlying mechanisms involved.'”'® In the remainder of the
text, we will refer to the characteristic nanofibril and nanofibril
bundle scales as nanoscale and intermediate scale, respectively.

Advanced polymer fibers are utilized for their impressive
tensile properties. The existence of hierarchical oriented
microstructure implies the presence of extensive interfaces
throughout the fiber microstructure. Therefore, fiber perform-

High-performance fibers are utilized in many structural
applications ranging from sporting goods to protective armor
and aerospace primary structures. The high strength and
stiffness exhibited by these fibers originates from a highly
oriented hierarchical microstructure, which is developed during
the drawing process of fiber production.'™* Variations in fiber
processing conditions can directly contribute to changes in the
fiber microstructure (e.g, crystallinity, molecular and supra-
molecular orientation, core—shell development, etc.) and
ultimately the bulk fiber properties.””~” Considerable
resources have been dedicated to the development of fiber
processing techniques that achieve optimum performance, but
after years of research and development efforts, the theoretical
strength of many high-performance fibers is yet to be realized.
Synthetic advanced polymer fibers, such as poly(p-phenyl-
ene terephthalamide) (PPTA) and ultrahigh molecular weight
polyethylene (UHMWPE), possess a complex hierarchy of Received: December 28, 2019
structural features spanning multiple length scales.”®™'> As Accepted:  March 6, 2020
polymer chains orient and crystallize during spinning, Published: March 6, 2020
crystallites are formed within discrete domains, often referred
to as microfibrils, which measure 10—50 nm in width.>>'"'*
These microfibrils form bundles measuring 100—500 nm in
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Figure 1. Tensile fracture surfaces of a PPTA fiber (a) and an UHMWPE fiber (b) demonstrating fibrillation along fibril bundle interfaces.

ance must be highly dependent on lateral interactions and
effective load transfer across interfaces within the material
hierarchy. Despite the importance of these interfaces, to date,
very little has been done to experimentally measure interfacial
properties in high-performance fibers.

At the nanoscale, interfacial properties can be measured
using techniques such as atomic force microscopy (AFM).
Recently, an AFM-based indentation study was conducted at
the nanoscale, and the adhesive energy required to separate
adjacent nanofibrils was measured in the UHMWPE fiber."”
However, other experiments on high-performance fibers
indicate the importance of interfacial properties at the
intermediate scale, which is related to fibril bundles. Bulk
mechanical properties of fibers are characterized through
global mechanical techniques, such as single fiber tensile tests
and transverse compression studies.'®>* Examination of fiber
fracture surfaces provides insight into the relevant length scales
impacting bulk fiber behavior. Post-mortem analysis of
fractured high-performance polymer fibers typically reveals
extensive fibrillation, as shown in Figure 1. While nanofibril
dimensions are 10s of nanometers in width, the fibrillated
segments in Figure 1 are much wider. This indicates that
failure occurs predominantly at an intermediate length scale
related to bundles of nanofibrils. Thus, it is critical to
understand the mechanics of nanofibril bundles, as well as
the lateral interactions between bundles. However, to the
authors’ knowledge, no experimental work has been performed
at this intermediate scale. The lack of information on the
bundle scale also presents a challenge for modeling fiber
deformation and failure behavior. Recent modeling efforts have
highlighted the importance of interactions at the mesoscale in
PPTA fibers,””** but these interactions are yet to be
experimentally characterized. Acquiring data at the intermedi-
ate scale is therefore needed to improve our understanding of
hierarchical mechanical behavior in advanced fibers, which
could be used to update existing models as well as develop new
multiscale fiber models.

Due to the increased size of features at the intermediate
scale, AFM is not suitable for characterizing interfacial
properties. One technique that can be used is instrumented
indentation. Referred to as “nanoindentation”, this mechanical
testing technique is used to probe material properties on the
nano- to microscale. Compared to AFM-based nanoindenta-
tion, where tip radii are ~10 nm and measured forces are in the
nano-Newton range, nanoindentation uses larger probe tips
(~> 100 nm) and forces are often in the micro-Newton range
or greater. In general, nanoindentation can be used for fiber
surface characterization. However, there are several challenges

when applying nanoindentation to the external surfaces of
fibers. First, classical indentation studies assume the material to
be a flat, semi-infinite elastic half space,”® but fibers possess
surface curvature, which requires additional correction factors
to properly interpret results.”* >’ In addition, the fiber exterior
may generate different indentation response compared to the
interior volume responsible for bulk mechanical behavior. For
example, consider the complex skin-core microstructure of
PPTA, where skins can extend radially for 100s of nanometers
from the fiber surface.”**™* Thus, characterizing the internal
morphology and properties of the fiber is essential. Accessing a
fiber’s internal morphology by embedding it in a matrix and
microtoming it has been utilized.**** However, this technique
is not ideal for isolating internal features for mechanical
characterization because (i) nanoscale morphologies may be
damaged through direct contact with the microtome blade and
(ii) indentation measurements could reflect a combined
response from the fiber and embedding matrix.**"** Thus,
accessing the inherent fiber microstructure with minimal
distortion is critical.

A novel sample preparation technique, which provides rapid
access to the internal morphologies of high-performance fibers
via fracturing after notching with a focused ion beam (FIB),
has recently been developed.’ The technique uses the FIB to
introduce opposing notches in a single filament separated by a
finite distance. This generates a longitudinal plane where
fracture can easily propagate, yielding two mirrored samples
with an exposed interior. Effective mounting of the exposed
surface was followed by advanced AFM imaging to create high-
resolution topography and mechanical property maps of
hierarchical interior fiber morphologies.”"***~*' FIB milling
was performed to create end notches, thus all property
measurements were made more than § ym from the ion-
affected regions, which likely eliminated any ion induced
property changes to the fibers."” Samples prepared by this
technique were also suitable for characterizing interfacial
properties at the nanoscale in UHMWPE, as mentioned
above.'” Another investigation, which evaluated interfacial
properties at a much larger length scale, utilized a variable
angle, single fiber peel test on UHMWPE fibers to measure the
effects of fiber structure on failure.*> While these two studies
evaluate lateral mechanisms at the nano- and macro-scale, no
such information exists at an intermediate scale. Obtaining
measurements from this mesoscale will enhance the under-
standing of multiscale fiber behavior and will serve as a bridge
between highly local behavior and global fiber response.

Here, such an intermediate scale has been studied by
nanoindentation. Significantly larger forces are utilized,
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rendering samples made by the previous FIB-based method
inadequate due to issues with rigid mounting of the end of a
separated fiber half. A new sample preparation and mounting
protocol was developed to expose the internal morphology of a
nonseparated high-performance fiber, enabling higher load
probing while the sample remained rigidly mounted under
tension. Interfacial nanoindentation experiments were con-
ducted on two different high-performance fiber types to gain
insight into nanofibril bundle interactions and their con-
nections with fiber chemistry and processing. Experimental
results at the intermediate scale were analyzed and compared
with nanoscale and macroscale fiber behavior. Lateral
interactions at different length scales were evaluated, and
underlying mechanisms providing structural integrity to the
fiber were proposed.

2. EXPERIMENTAL SECTION

2.1. Materials and New Sample Preparation Method. Two
different types of ballistic fibers were analyzed in this study; PPTA
(Kevlar KM2, 600 denier) and UHMWPE (Dyneema SK76, 1350
denier). Individual fibers were teased from the tows and used as
received. The remainder of the paper will refer to these fibers as
PPTA and UHMWPE, respectively.

In the previous samples prepared by FIB-based notching, two
reciprocal notches were milled transverse to the fiber axis so that
pulling the fiber ends resulted in complete separation of the fiber into
two parts. Rigid mounting of such samples for nanoindentation is
problematic because (i) lack of fixed boundary conditions would lead
to large rotational tendencies due to increased loads from nano-
indentation and (ii) the previously utilized substrate (i.e., double-
sided adhesive), while being sufficiently rigid for low force AFM
characterization, would be too compliant for nanoindentation studies.
To circumvent these issues, a new sample preparation technique was
developed where a T-shaped notch geometry was established and
utilized on a rigidly mounted fiber under tension followed by effective
peeling to expose the interior of the fiber.

An individual fiber was draped over the curved surface of a glass
vial (2.0 mL, 1 cm diameter) and small masses (~1 g) were attached
to either end to provide constant tension over the fiber length. Two
small drops of adhesive were applied to the fiber near the top of the
vial, separated by ~5 mm, and excess fiber was cut away after curin§.
Further details of the mounting procedure can be found elsewhere.”®
Once securely mounted, the fiber exterior was sputter coated with
~30 nm of Au—Pd to prevent charging effects during the notching
procedure. The mounted fiber was fixed to a 45° SEM stub, and then
the SEM stage was tilted to 7°, shown schematically in Figure 2a,
positioning the fiber orthogonal to the FIB. In this configuration,
inverted T-shaped notches were milled into the top half of the fiber.
Ga" ion milling was utilized (FEI Nano V600 dual beam) with milling
parameters of 16 kV and 0.47 nA. The geometry and placement of the
notches in this study, shown in Figure 2b,c, yield a sample which can
be peeled open to provide access to the fiber interior while the fiber
remains intact and in solid contact with the underlying glass substrate.

After milling, the vial was placed on an optical microscope stage
equipped with x, y, and z-translation capability. A micromanipulator
stage, also with x, y, and z-translation, was positioned near the
microscope. A scanning tunneling microscope (STM) probe
(platinum/iridium solid wire, 0.25 mm diameter, Bruker) was
sectioned with a wire cutter to produce a long, tapered edge, which
was suitable to insert into the side of the T-shaped notch. The probe
was adhered to the end of a rigid beam which was fixed on the
micromanipulator stage. The fiber was brought into focus under a
50X objective lens and was positioned so the observer viewed directly
into the vertical portion of the T-shaped notch. By adjusting the
micromanipulator stage, the STM probe was carefully inserted into
the horizontal portion of the notch and, in a simultaneous motion, the
microscope stage was translated to simulate a peeling motion, shown
schematically in Figure 2d. To limit contact with the newly created
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Figure 2. New FIB-notch sample preparation technique demonstrat-
ing fiber positioning for ion milling (a) and FIB images of
corresponding T-shaped notches milled into single PPTA (b) and
UHMWPE (c) fibers. The narrow notches at either end of the
horizontal notch in the UHMWPE fiber help facilitate crack
propagation along the fiber axis while peeling. A schematic of the
peeling procedure is shown in (d) with the final specimen ready for
nanoindentation shown in (e).

internal surface, the stage was translated such that the STM probe
only contacted the internal face of the top side of the peeled section.
This was repeated on both sides of the T-shaped FIB-notch, which
produced a specimen with an exposed interior suitable for subsequent
nanoindentation studies, shown schematically in Figure 2e. In
addition to accessing internal fiber morphologies without through-
thickness fracture, the T-shaped notches allow much larger fiber
sections to be prepared compared to previous notch geometries.”'**
The peeling generated internal surfaces extending ca. 1 mm along the
fiber axis. Due to the fibrillar nature of the fiber microstructure, the
resulting fiber surfaces were not planar.

2.2. Probing Interfaces Between Fibril Bundles. Quasi-static
nanoindentation was performed on internal fiber morphologies using
a Hysitron TI-950 Triboindenter with a 60° sphero-conical diamond
probe tip (350 nm tip radius). Prior to local mechanical testing, the
indenter probe was raster scanned over the exposed surface to map
the topography of the fiber interior (10—1S5 ym scan size, 0.4—0.5 Hz
scan rate, 1.0 uN set point). Image sizes and scan locations were
adjusted to maximize the capture area while avoiding the edge of the
fiber. Indentations were performed in displacement control using a
triangular loading scheme with a 10 s loading segment followed by a
10 s unloading segment. Indentation depths of 150, 300, and 500 nm
were selected for this study.

Due to the increased size of the indenter probe and depth of
indentation, much higher forces are applied to the sample surface
compared to AFM-based indentation. Such forces, if applied away
from the geometric center of the sample, which is equivalent to a half
cylinder mounted on a flat substrate, could cause fiber rotation due to
torsional moment. This would contribute an additional compliance to
the measured indentation response. This structural compliance can
vary as a function of position within the specimen.® One strategy for
estimating structural compliance is by empirical measurements and
correlations, as was done by Stone, Yoder, and Sproul (SYS).** Here,
three arrays of equally spaced indentations were performed across the
width of each initially imaged location at set depths of 150, 300, and
500 nm, respectively. Details for constructing the SYS plot, and results
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Figure 3. Raster scan images of fiber interior after indentation exhibiting discrete fibril bundles in UHMWPE (a) and PPTA (b) fibers; scale bars
are 2 ym. A representative load—displacement plot for a 150 nm indent (c) with schematics defining measurements from residual indentations for
energy normalization (inset (c), used with permission from ref 17.). Peak load results for indentations performed between fibril bundles (d). Error

bars indicate one standard deviation.

from the structural compliance determination for this study can be
found in the Supporting Information (SI). From this analysis, a
narrow strip exhibiting minimal compliance is identified for
subsequent indentation experiments (i.e., in this region, rotation
due to indentation can be assumed negligible). Representative raster
scans of the interior of two distinct fiber types after performing
structural compliance indents are shown in Figures 3a,b. In both
fibers, well-defined highly oriented fibril bundles measuring a few 100s
of nanometers in width are clearly distinguishable.

Once the suitable indentation region was identified, a new location
along the fiber length was raster scanned and interfaces between fibril
bundles were identified. In these newly scanned areas, automated
indentation scripts were utilized, where user-defined locations
between fibril bundles were selected for subsequent indentation.
Series of indents were performed between fibril bundles to measure
properties related to interfacial interactions. Two sets of indentations
were performed in this study: single and repeated indents. The latter
indentation sets were utilized to partition the total indentation energy
due to different energy dissipation mechanisms. The loading scheme
was adjusted from a single triangular load scheme to a sawtooth load
scheme with multiple loading and unloading cycles of constant
amplitude within a single experiment. Multiple data sets were
collected between the two fiber types, and statistical analysis was
performed to verify any observed trends. Unless noted otherwise, all
image analysis of surface morphologies was carried out using Fiji, a
distribution of Image_].“’46

3. RESULTS

3.1. Load—Displacement Response During Interfacial
Indentation. In nanoindentation, load—displacement (P—h)
data are recorded continuously during loading and unloading
and subsequently analyzed to extract material properties such
as hardness and elastic modulus. Parameters typically extracted
from the P—h curves include the maximum load, P,
maximum indentation depth, h,,, and contact stiffness, S =
dP/dh, defined as the slope of the upper portion of the
unloading curve during initial unloading.”’ A representative
load—displacement curve for a 150 nm indentation is provided
in Figure 3c. The contact depth, h,, is given by eq 1, defined as
the depth along which contact is maintained between the
probe and sample during indentation:

hc = hmax - €(Pmax/s) (1)
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where € is a constant related to indenter geometry. Typical
values are 0.75 for a paraboloid of revolution and 1.00 for a flat
punch.** Traditional hardness measurements assume samples
to be flat, isotropic and homogeneous. Deviations from these
conditions may render different values based on sample
eometry and the degree of elastic recovery after unload-
ng.>>*%*%2%%7 The samples evaluated in this study possess a
hierarchical microstructure, nonflat surface profiles, and exhibit
highly anisotropic properties, thus violating many of these
classical nanoindentation assumptions. In lieu of measuring the
hardness, which would require an accurate measure of the
contact area as the indenter probe is inserted into a highly
complex microstructure, the peak load measured at each indent
depth will be utilized for analyzing fibril bundle separation
behavior. Indentations were performed between fibril bundles
at three indentation depths (e.g,, 150, 300, and 500 nm), and
each experiment was conducted at a new location. Peak loads
were obtained at each depth for both fiber types and results are
presented in Figure 3d. The peak loads achieved at each indent
depth were greater for PPTA compared to UHMWPE with
values measuring 51%, 94%, and 98% higher at 150, 300, and
500 nm depths, respectively.

After each set of indents was performed, the topography of
the indented surface was again mapped by raster scanning to
observe residual indentations, see Figure 3a,b. The total energy
required to produce the observed residual indents was
calculated by integrating the area between the load and unload
curves in the load—displacement plot, see highlighted region in
Figure 3c.'”* This energy, E, is given by eq 2

hmax hmax
E= / P dh — / Pyona di
0 load 0 unload (2)

Following the protocol from a similar study using AFM-based
nanoindentation,'” the area-normalized indentation energy,
E, .. Was approximated on a unit area basis where the split area
was defined as the product of the residual indent length, I (as
measured from images obtained from raster scans post
indentation), and h,,,,, shown schematically in the inset of
Figure 3c. Values for E,., were calculated using eq 3

area
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Figure 4. Normalized indentation energy results for UHMWPE (squares) and PPTA (diamonds) fibers from indents performed between fibril
bundles. E,,, results in (a) are from single indents based on eq 3 while AE results in (b) are based on the energy difference obtained through
repeated indent experiments and calculated using eq 4. Error bars indicate one standard deviation.
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Figure 5. FEM model used to analyze effects of sample topography on indentation response (a) and simulation results showing diminishing surface

topography effects with indentation depth (b).

Earea = E/(l X hmax) (3)

Normalized indentation energy results for single indents are
presented in Figure 4a. At each indentation depth, the
normalized indentation energy for PPTA is approximately
double that observed for UHMWPE.

3.2. Evaluation of Absorbed Interfacial Separation
Energy Based on Repeated Indents. During the
indentation, several energy dissipation mechanisms may
occur simultaneously. For example, energy could be dissipated
through fracture along bundle interfaces and through frictional
contact within the tip—sample interaction volume surrounding
the probe tip. Following the work by McDaniel et al,'” the
total energy dissipated during indentation was partitioned by
analyzing results from repeated indentations in the same
location. Upon withdrawing the probe after the first indent,
partial elastic recovery occurred, as evidenced by the nonzero
area under the unload curve in Figure 3c. A second indent was
subsequently performed in the same location and to the same
depth, which yielded a considerable decrease in E (~50—60%).
The integrated area from the second indent provides
information regarding the energy dissipated through frictional
contact within the tip—sample interaction volume, as well as
the energy required to overcome intermolecular forces initiated
as the separated bundles come together due to elastic recovery.
A third indent was also performed in the same location, which
yielded load—unload curves similar to the second indent but
measured an additional decrease in E (~10—15%). The similar
indentation response between repeated indents indicates a
possible time-dependent, elastic energy dissipation mechanism

22260

related to relaxation of the microstructure between subsequent
indents. Subtracting indent energies from the first and second
indents yields a more accurate measure of the energy absorbed
during the formation of the observed residual indent. This
energy difference, or absorbed energy, is estimated by eq 4

AE = Eabsorbed = (El - EZ)/(I X hmax) (4)

where E; is the integrated energy from the first and second
indents, defined by eq 2. Repeated-indent experiments were
performed between fibril bundles for both fiber types and the
results, based on eq 4, are shown in Figure 4b. After evaluating
the energy differences, PPTA absorbs approximately twice the
energy of UHMWPE at each indentation depth.

3.3. Analysis of Effects of Sample Topography.
Generally, indentation studies are performed on flat substrates.
However, this study performs indents in a groove between two
fibril bundles. To study potential effects of sample topography
on the measured indentation response, finite element
representation of PPTA fiber surface profiles was created. A
spline was fit to a series of data points taken from the
experimental surface profiles and features approximating a
location between two bundles were aligned with the centerline
of a half cylindrical fiber. The resulting model, shown in Figure
Sa, was meshed according to the details in the SI. To account
for the fiber mechanical properties, the model was calibrated
using experimental results from 150 nm indents on a relatively
flat area of a PPTA fiber with minimized structural compliance.
Computational predictions for max loads from indentations at
each depth on a flat half cylinder were compared to
indentation simulations on samples possessing actual complex

https://dx.doi.org/10.1021/acsami.9b23459
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Figure 6. Fibrillation observed in UHMWPE (a) and PPTA (b) fiber fracture surfaces after fiber bending experiments. Separation of nanofibril
bundles extends much farther along the fiber length in UHMWPE compared to PPTA, as indicated by the double arrows along the fiber axis.

topography, and the results are presented in Figure Sb.
Compared to simulation results on a flat half cylinder,
simulations between two fibril bundles increased the load
measured from the indenter by 22%, 10%, and 2% for depths
of 150, 300, and 500 nm, respectively. The enhanced load is
most pronounced for shallower indents and indicates possible
additional contributions to the measured indentation response
due to surface effects. Effective interpretation of results from
shallow indents would require additional correction factors,
but deeper indents indicate that these surface effects diminish
with increasing indentation depth. Note that 3D FEM models
of half-fibers, similar to the one presented here, can be used to
evaluate torsional rigidity and structural compliance of the
samples during indentation at various distances from the
sample center, thus further improving accuracy of the extracted
data.

4. DISCUSSION

4.1. Strength of Intermediate-Scale Lateral Interac-
tions in UHMWPE and PPTA Fibers. The fibers evaluated in
this study consist of two very different polymers. Each
represents a distinct high-performance polymer fiber class
based on characteristics of the macromolecular chains—flexible
versus rigid-rod for UHMWPE and PPTA, respectively. These
two fibers are also produced using different fabrication
techniques. Surprisingly, despite these differences, the
polymers yield high-performance fibers with comparable
tensile properties. In addition, each fiber possesses a similar
hierarchical structure with reported nanofibril widths measur-
ing 20—50 nm and fibril bundles measuring 200—600
nm, 26133541

Analysis of data presented in Figures 3d and 4a,b indicate
that more energy is required to separate fibril bundles in PPTA
fiber compared to UHMWPE fiber. The larger peak loads
observed in PPTA and correspondingly smaller residual
interfacial split areas lead to higher normalized separation
energy values.

In general, an increase in macromolecular rigidity can be
expected to result in an increase in interfacial brittleness. That
is, more rigid molecules should yield longer interfacial fracture
lengths. However, the opposite effect was observed in
experiments, which indicates that other mechanisms of lateral
interaction must be present.

Different lateral interactions can be a result of differing
manufacturing processes for the distinct fiber types. The final

processing step during fiber formation, which involves solvent
extraction, is critical for the development of the fiber
microstructure and is not yet fully understood. For UHMWPE
fibers produced by gel-spinning, quenched fibers are subjected
to additional drawing at elevated temperatures, which allows
the flexible macromolecular chains to transition from a lamellar
structure to a highly extended-chain structure.”***' In
contrast, PPTA fibers are produced by a dry jet—wet spinning
technique, where the rigid-rod macromolecules are preferen-
tially oriented by shear flow of the solution through the
spinneret and, subsequently, the solution is drawn through a
small air gap before entering a coagulation bath.>> Upon
entering the bath, a large-scale mass diffusion process takes
place, removing approximately 80% of the initial spinning
solution, before the fiber is washed and subjected to additional
thermal treatment.>® In both fiber types, the combination of
large mass flux and oriented crystallization processes leaves
microscopic voids within the fiber microstructure as well as a
fibrillar network, which has been identified through various
scattering and direct imaging techniques.'>">' %>

In the case of PPTA, spinning of the liquid crystalline dope
is followed by phase separation and spinodal decomposition as
the coagulant slowly diffuses into the fiber.”” This can result in
shorter and more interconnected crystals compared to
UHMWPE. The latter is indirectly supported by lower
reported crystallinity of PPTA fibers (e.g.,, 70—80%) compared
to UHMWPE fibers (e.g,, 90—95%).°°~%* High crystallinity of
UHMWPE presumes longer, more perfect fibrils, with less
disorder that can otherwise increase lateral interaction. This
can explain lower observed interfacial separation energy in
UHMWPE.

On the basis of the new experimental data obtained in this
study, one can expect that UHMWPE fibers have a higher
propensity to fibrillate upon macroscopic failure. To assess
this, PPTA and UHMWPE fibers were fractured macroscopi-
cally by bending individual filaments over a razor blade. During
bending, compression loading is experienced on the bottom
portion of the fiber, below the neutral axis, while tensile
loading occurs in the upper portion of the fiber. Ultimately,
shear deformation leads to fibrillation, which is shown in
Figure 6. Comparison of fiber fracture surfaces shows that both
fibers exhibited extensive fibrillation at the intermediate scale.
However, separation of the nanofibril bundles propagated
much farther along the fiber length in UHMWPE compared to
PPTA, as evidenced by the apparent increase in fiber diameter

https://dx.doi.org/10.1021/acsami.9b23459
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Table 1. Average Absorbed Energy (AE) Results from Indents between Fibril Bundles in This Study Compared to AE Results
from Indents between Individual Nanofibrils Using AFM-Based Nanoindentation'’

indentation depth

150 nm/30 nm

AE — fibril bundles (J m™2)
AE — nanofibrils (J m™2)

13.5
0.52

300 nm/40 nm

21.3
0.55

500 nm/S0 nm

26.6
0.34
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Figure 7. Power law scaling of the total absorbed energy and corresponding split area in UHMWPE fibers (a). The data point for the intermediate
scale considers only the SO0 nm depth results, as this depth is sufficient to neglect surface effects according to FEM results. Values for total
absorbed energy in the single fiber peel test were calculated from geometry and reported energy release rate values from ref 43. Crack images
illustrating variation in size and frequency of lateral connections at increasing length scales ranging from nanofibril separation (used with permission

from ref 17) (b), to nanofibril bundle separation (c), and full fiber splitting (d).

near the fibrillated fractured end, indicated by double arrows in
Figure 6.

Similar differences in fibrillation behavior have been
observed for these two fiber types under other loading
configurations. One study evaluated the transverse tensile
strength of UHMWPE, PPTA, and polybenzoxazole (PBO)
fibers and found that the critical load to initiate fiber splitting
was about 50% lower for flexible-chain UHMWPE fibers
compared to rigidrod PPTA and PBO.** Other studies
measuring the transverse compression response of UHMWPE
and PPTA fibers have been performed to evaluate deformation
mechanisms under transverse loading conditions.”**** While
fibrillation occurred in both fiber types, the apparent cross-
sectional area increased considerably with increased compres-
sive strain for UHMWPE fibers, but remained largely
unchanged in PPTA. The apparent area increase in UHMWPE
was attributed to the development of new nanoscale voids with
increasing compressive strain. In addition to new void
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formation, AFM images of transversely compressed fibers
indicated large-scale reorientation of a meso/nanoscale fibrillar
network in UHMWPE that was not observed in PPTA.*

Together, these results indicate that the lateral interactions
at the intermediate scale in rigid-rod PPTA fibers are stronger
compared to those in flexible-chain UHMWPE fibers. The
exact molecular and supramolecular mechanisms responsible
for differences in lateral interactions and their dependence on
manufacturing parameters need to be further studied. The
separation energy measured here at the intermediate scale for
the first time provides a quantitative measure that can be used
for further comparative studies, manufacturing optimization, as
well as development of next generation multiscale fiber failure
models.

4.2. Analysis of Interfacial Separation Energies at
Different Scales. To gain further insight into lateral
interactions at different length scales within the fiber structural
hierarchy, the measured intermediate-scale energy dissipation

https://dx.doi.org/10.1021/acsami.9b23459
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behavior from this study was compared to previously reported
experiments evaluating similar mechanisms in UHMWPE
fibers at the nanoscale.'” Comparison of these two studies
revealed that magnitudes of the measured area-normalized
absorbed energies at the intermediate scale (nanoindentation)
were considerably larger (~1—2 orders of magnitude)
compared to those obtained at the nanoscale (AFM), see
Table 1.

The absorbed energy (AE) results were also compared with
energy values obtained from macroscopic single fiber peel tests
performed on UHMWPE fibers. An equivalent absorbed
energy, fracture energy in this case, was calculated based on
sample geometry (ie, fiber diameter and length of crack
extension) and reported strain energy release rate values.* The
total absorbed energy at each of the three length scales is
plotted as a function of the corresponding split area in Figure
7a. Further significant increase of separation energy is observed
at the macroscale, compared to the intermediate scale. A power
law function was used to approximate the energy scaling
behavior:

AE o split area”

with the power exponent y estimated to be 0.47. The AFM and
indentation experiments that produce Figure 7a measure the
area of residual crack propagated. However, what is unknown
is the actual affected volume including a network structure that
is producing the energy measurements. Therefore, the energy
measured has greater certainty than the area measurements in
the abscissa of Figure 7a. Nevertheless, it is expected that the
overall trend should remain: much larger energies as the
interaction area increases.

The dramatically different magnitudes of the absorbed
energy at different length scales imply that different
mechanisms of lateral interaction must be responsible for
nano- and intermediate-scale separation, and for macroscopic
splitting of the fiber. In general, forces resisting interfacial
separation comprise a number of physical intermolecular
(adhesive) interactions as well as chemical interactions. As
polymers processed into fibers are typically fully polymerized
and no additional chemical reactions are expected during fiber
spinning and final structure formation, formation of chemical
links between the hierarchical features is unlikely. However, a
progressing interfacial crack can turn into a cohesive fracture
crack propagating inside the adherend. In the context of axially
oriented hierarchical features of the high-performance polymer
fibers, the latter would require polymer chain scission and, as a
result, would demand significantly higher energy. Conversion
from adhesive to cohesive fracture is often observed in
adhesive joints with planar interfacial geometry that corre-
spond to energetically favorable planar cracks. Interfaces
between mostly cylindrical, oriented features in the high-
performance fibers are not planar. However, even slight
variation in feature orientation can cause a degree of
entanglement, leading to features crossing the interfacial
crack path creating a crack bridge. Such bridges can lead to
crack tip shielding and their eventual breakage (primarily in
tension, directed along the strongest polymer chain orientation
direction) would consume significant amounts of energy.
Typical observations of interfacial cracks at the three scales in
the UHMWPE fiber are shown in Figure 7b—d.

At the nanoscale (in the AFM-based indentation study), the
energy required to separate nanofibrils was low,'” indicating
this ultrafine scale of separation is not sufficient to engage

significant lateral bridging. Observation of residual indents
from the AFM study supports this notion (see Figure 7b).
Note that due to the relatively low image resolution, there
might still have been small, molecular level ties (bridges) not
visible at the scale of observation.

At the intermediate scale, i.e., in our current nano-
indentation study, much higher energy values were recorded.
With a much larger tip—sample interaction volume and applied
forces, compared to AFM-based indentation, enough separa-
tion was created to engage lateral connections between
adjacent fibril bundles. Evidence of the latter mechanism is
provided in Figure 7c, where crack extension from the vertical
edges of the residual indentation is clearly visible. Several
nanofibril bridges are observed spanning across this extended
interfacial crack between the nanofibril bundles and some
nanofibrils have fractured in the process.

Considering the macroscale peel test, absorbed energy
values were further significantly increased, compared to the
intermediate scale. Observation of the region near the crack tip
in a peeled fiber indicates a significant increase in the number
of nanofibril bridges, as shown in Figure 7d. In addition to the
increased quantity of bridging features, an increase in the size
of bridging features is observed, with some bridges reaching
the fibril bundle size. This crack bridging mechanism is
comparable to the toughening mechanism of collagen fibril
bridging observed in bone.”> While crack propagation along
the length of the fiber may not require as much energy (ie,
separation of bundles), the increased separation through
Mode-I opening causes reorientation of the bridging features
such that they are loaded in tension, requiring significantly
more energy to ultimately fracture. From this multiscale
analysis, the dramatic increase in absorbed energy can be
related to the number and size of lateral bridges that become
engaged with increasing separation distance.

Note that the absorbed energy scales as a power law with the
split area (Figure 7a). Power law scaling is observed in many
physical ghenomena and is often associated with self-
similarity.”® Images in Figure 7b—d indicate a degree of self-
similarity in the crack geometries that may indicate self-
similarity of lateral toughening mechanisms in fibers at
different scales. Fractal scaling of oriented topographic features
on surfaces of advanced fibers has been observed in the scale
range from 100 to 4000 nm.”” The scaling exponent is an
important parameter that depends on hierarchical geometry
and can be influenced by anisotropic inhomogeneity.”® More
studies are needed to elucidate the observed multiscale
mechanisms, but the discovered scaling opens up intriguing
possibilities of new approaches to fiber failure analysis.

4.3. Why Do Advanced Fibers Fibrillate at an
Intermediate Scale During Tensile Failure? Fibers are
designed to carry load primarily in tension. They buckle under
compression and provide little resistance to torsion/shear
loading (unless incorporated into composites). In most high-
performance polymer fibers, tensile failure typically results in
fibrillated fracture surfaces exhibiting features at the scale of
nanofibril bundles, as illustrated in Figure 1. From Figure 7a,
the magnitude of the normalized absorbed energy at the
bundle (or intermediate) scale is larger than the energy
absorbed during creation of the interfacial crack between
nanofibrils (nanoscale). A “weakest link” failure theory would
suggest that failure in these high-performance fibers should
occur through the lowest energy absorption mechanism (ie.,
separation of individual nanofibrils). Why, then, does
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fibrillation due to tensile failure occur predominately along
fibril bundle interfaces?

It is conceivable that the very low energy obtained from
AFM-based indentation only materializes from highly local
measurements at the nanoscale. In other words, separation
along nanofibril interfaces cannot be sustained over indefinite
lengths, which implies that nanofibrils only possess high
degrees of orientation over a finite distance. Through various
mechanisms during fiber spinning, nanofibrils can crystallize
oblique to the fiber direction and cross with adjacent
nanofibrils. In three-dimensions, this local misorientation can
result in nanofibrils becoming entangled within confined
volumes—in this case bundles measuring 405 + 133 nm and
633 =+ 184 nm in width for PPTA and UHMWPE, respectively.
This mechanism also gives rise to the possibility of nanofibrils
crossing between neighboring bundles (Figure 7c), although
this crossing event would be much less prevalent. It follows
that nanofibril bundles could also cross along the length of the
fiber, though this would occur over much greater lengths
compared to the local crossing of nanofibrils.

Evidence of fibril bundle misorientation along the fiber
length is shown by bundles crossing the crack plane in Figure
7d. Advancement of the crack requires that these bridging
bundles eventually fracture, which causes further increase in
energy absorption, as indicated in Figure 7a. However, note
that fracture behavior in the single fiber peel test (Figure 7d) is
different compared to tensile failure. In tension, the applied
load is evenly distributed along the fiber length, but due to
structural inhomogeneities within fibril bundles, a distribution
of stresses develops within the fiber microstructure. This stress
variation is further compounded with variation of local
strength of bundles, leading to gradual accumulation of fibril
bundle breaks. These breaks occur in different fiber cross
sections. Once a particular region of the fiber is sufficiently
weakened by the accumulated bundle breaks, the remaining
intact bundles become overstressed and deform through
failure, some (apparently) undergoing plastic deformation
and necking. During this final failure stage, which results in
complete fiber separation into two parts, only relatively short
bundle segments need to be pulled out from the surrounding
fiber volume. Bundle entanglements at these relatively short
length scales do not have significant effect on bundle pull-out.

Conversely, in the peel (macroscale) fracture, the crack is
extended over a sizable length along a predetermined failure
plane. Such a crack inevitably encounters individual nanofibrils
and fibril bundles crossing the projected crack plane. Even
slight relative misorientation of the bundles may be sufficient
to cross the crack plane. In addition, unlike tensile fiber failure,
the nanofibrils and fibril bundles bridging the crack are initially
intact (i.e., lateral separation does not initially generate
significant tensile stresses in fibrils bridging between the two
peeled fiber halves). This creates strong bridging and crack
shielding effects that are further augmented by gradual bridge
reorientation as the crack face separation increases.

Note that the above interpretation of bundle-level fibrillation
during macroscopic tensile failure requires strong, intimately
bound nanofibril bundles. The latter can be held together by
either internanofibrillar tie-chain molecules, or nanofibril
entanglements caused by supra-nanofibrillar architecture.
Examples of the latter include twisting, or wrapping, creating
a random “weave”. The characteristic length of such a weave is
likely to be large, as nanofibrils appear randomly distributed in
radial cross-sectional images.”””” Yet it should be short enough

to preserve fibril bundle action as a cohesive structural unit.
Establishing characteristic lengths governing nanofibril and
fibril bundle turns and entanglements within the fiber structure
would be critical for further understanding and quantifying
their effects on fiber failure behavior. The results of the current
work provide new motivation to investigate such micro-
structural arrangements.

Finally, the tensile fracture of individual nanofibril bundles
may generally exhibit failure mechanisms hierarchically similar
to the full fiber failure. That is, nanofibril breaks may
accumulate, followed by nanofibril pull-out. These effects
might be masked by plastic necking that occurs at the bundle
scale (see Figure 1). Direct in situ observation of tensile failure
of nanofibrils and fibril bundles would be invaluable for further
elucidation of the underlying mechanisms involved.

5. CONCLUSIONS

In this work, the lateral interaction mechanisms between fibril
bundles within UHMWPE and PPTA fibers were probed using
nanoindentation. A modified FIB-notch technique enabling
more stable, tension-assisted sample mounting procedure was
developed and implemented to gain access to the inherent
internal morphology of individual fibers for subsequent local
property measurements. The indentation results showed
stronger separation resistance in PPTA fiber, compared to
UHMWPE, which corroborated observed differences in
fibrillation tendencies of these fibers during failure.

Analysis of absorbed separation energy in UHMWPE fiber at
three different scales resulted in the first observation of scaling
of lateral behavior in an advanced fiber. This scaling correlating
with apparent self-similarity of lateral interfacial crossings at
different length scales can lead to entirely new fiber models
based on fractal mechanics.

The methodologies developed in this study provide critical
insight into the size and interaction characteristics of fibril
bundles at the intermediate scale that appears to be prevailing
in fibrillation of many high-performance fiber families (e.g.,
liquid crystalline polyester, PBO, poly(p-phenylene benzobis-
thiazole) (PBZT) fibers, in addition to the studied PPTA and
UHMWPE). 1t is clear from macroscopic failure analysis that
the size and frequency of lateral connections between bundles
have a profound impact on the mechanical behavior of fibers.
Results from this study can lead to enhanced multiscale fiber
models for predictive failure analysis of high-performance
fibers. This will, in turn, continue to advance our under-
standing of the complex processing—structure—property
relationships in advanced fibers. Future studies focused on
understanding load transfer across these different length scales
can lead to improved performance of existing fibers as well as
development of novel fibers.
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